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We present evidence of homogenization of atomic diffusion properties caused by C and N interstitials
in an equiatomic single-phase high entropy alloy (FeMnNiCoCr). This phenomenon is manifested by an
unexpected interstitial-induced reduction and narrowing of the directly experimentally determined mi-
gration barrier distribution of mono-vacancy defects introduced by particle irradiation. Our observation
by positron annihilation spectroscopy is explained by state-of-the-art theoretical calculations that predict
preferential localization of C/N interstitials in regions rich in Mn and Cr, leading to a narrowing and re-
duction of the mono-vacancy size distribution in the random alloy. This phenomenon is likely to have
a significant impact on the mechanical behavior under irradiation, as the local variations in elemental
motion have a profound effect on the solute strengthening in high entropy alloys.

© 2021 The Authors. Published by Elsevier Ltd on behalf of Acta Materialia Inc.

This is an open access article under the CC BY license (http://creativecommons.org/licenses/by/4.0/)

1. Introduction

The quest for new metallic alloys with improved properties
for withstanding extremely harsh environments has picked up
pace in the past decade. Solid solution strengthening that stems
from the interaction of lattice dislocations with solutes, is one of
the key phenomena employed to tune the mechanical properties
[1,2]. However, the typically present negative correlation between
strength and ductility in traditional alloys that usually consist of
one or two principal alloying elements with dilute (impurity-like)
concentrations of other elements, limits material design strategies
[3]. High entropy alloys (HEAs) have drawn great interest as they
open new frontiers in novel materials design with potentially ex-
ceptional mechanical, physical and chemical properties [4-10]. In
HEAs, five or more principal elements in (near) equiatomic ra-
tios are usually randomly distributed in a regular crystal lattice
e.g., face centered cubic (f.c.c.) or body centered cubic (b.c.c.). The
random arrangement of multiple types of atoms at high concen-
trations results in unique site-to-site lattice distortions (size mis-
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fit), and it also leads to a random chemical mixture that brings
about locally varying strain distributions (variations in local lattice
strain) and atomic-level configurational fluctuations. These features
enhance the solute strengthening both geometrically and chemi-
cally in the highly concentrated alloys. On the other hand, the cu-
bic structure in single-phase HEAs provides a variety of slip sys-
tems that promote ductility, effectively overcoming the strength-
ductility trade-off [9,11].

To shed light on the solute strengthening, various theoretical
approaches have been employed to analyze the details of strength-
ening mechanisms in HEAs. An effective-medium-based theory has
been proposed by Varvenne et al., [12] in which each elemental
component is modeled as a solute embedded in the average effec-
tive medium matrix. This model predicts that the local chemical
environment and the structural disorder in the random f.c.c. al-
loy significantly affect the yield strength. Oh et al. [13] introduced
the concept of quantum-mechanically derived atomic-level pres-
sure to couple the compositional fluctuations with solute strength-
ening in single-phase concentrated complex alloys. They suggest
that the differences in the charge transfer between neighboring
elements drive the configurational fluctuations that dominate the
solute strengthening phenomena. These theoretical advances high-
light the importance of having a detailed picture of the chemical
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and structural disorder on multiple scales in HEAs for systemati-
cally improving design strategies of high-performing materials.

Recently, solid solution strengthening by interstitial introduc-
tion has been included in HEA design strategies. The introduc-
tion of foreign interstitials, such as C, N, B and/or H, has been
found to surprisingly improve the strength significantly without
sacrificing the ductility [14—-20]. In traditional alloys, foreign in-
terstitials, such as C and N usually induce spatial lattice fluctua-
tions (much higher lattice distortions/local strain distributions than
substitutional atoms), affecting the interaction between intersti-
tial species and dislocations [21,22]. In addition, the dilute species
are responsible for the formation of carbides and nitrides in the
regular lattice, improving the solute strengthening and hardness.
From the point of view of lattice defect formation and mobility
on the atomic level, the dilute elements are easily trapped by de-
fects or defect clusters and lead to interstitial-vacancy pair for-
mation in traditional alloys [23-25]. The interaction/a nity usu-
ally results in a strong binding energy of C or N with vacancies
by increasing the migration barriers of vacancy defects. In HEAs,
foreign interstitials not only lead to solute strengthening but also
present the potential to change the phase stability and stacking
fault energies. C atoms have been found by first-principle calcu-
lations to stabilize the f.c.c. phase and increase the stacking-fault
energy in the Cantor alloy [26]. On the other hand, adding N in-
terstitials significantly enhances the yield strength by increasing
lattice frictional stress [27,28]. Moreover, improved phase stability
and mechanical properties (higher yield strength and ultimate ten-
sile strength at good ductility) have been observed in C and N co-
doped Feyg5Mn39C010CrigCo5N1g (at. %) HEA [19,29]. We recently
observed that C interstitials introduced into equiatomic FeMnNiC-
oCr strongly affect the primary irradiation damage formation and
suppress vacancy clustering [30]. However, a detailed understand-
ing of the interstitial-controlled mechanisms governing the defect
dynamics and mechanical properties requires a better overall pic-
ture of atomic-scale interstitial-defect-lattice interactions in HEAs.

In the present work, we have systematically characterized the
thermal evolution and recovery kinetics of mono-vacancies created
by 6 MeV proton irradiation in equiatomic FeMnNiCoCr (HEA) and
C/N interstitial-containing FeMnNiCoCr (iHEA) by positron annihi-
lation spectroscopy [31,32]. We observe unexpected narrowing and
reduction of the distribution of directly experimentally determined
vacancy migration barriers in the interstitial-containing random al-
loy. Our state-of-the-art theoretical calculations predict preferential
localization of C/N interstitials in Mn and/or Cr rich regions. These
regions exhibit the largest lattice distortion distribution without
the foreign interstitials. Our results hence suggest that the pres-
ence of the C/N interstitials homogenizes some of the fluctuations
induced by the chemical disorder in the HEA lattice, with impor-
tant implications on strengthening mechanisms.

2. Methods
2.1. Materials and ion irradiation

To avoid any unwanted complex phenomena originating
from the material microstructure and from the implanted ion
species, we perform our experiments on carefully prepared (ho-
mogenized) single-phase HEA and iHEA samples, and irradi-
ate them with 6 MeV protons to very low dose (less than
0.001 dpa) where only mono-vacancy defects are expected
[33-35]. The interstitial-free HEA with nominal composition
FeogMnygNisgCos0Cryg (at. %) and the iHEA with nominal com-
position FeiggMniggNijggC0198CriggCosNgs (at. %) were synthe-
sized in a vacuum induction furnace using pure metals, carbon and
FeCrN, (as the source of nitrogen). The original casts were subse-
quently hot-rolled, and homogenized at 1200°C for 3 h in Ar at-
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mosphere followed by water-quenching (WQ). According to wet-
chemical analysis, the exact C and N contents in the prepared iHEA
samples reach 0.60 at. % and 0.81 at. %, respectively, while they
are below 0.05 at. % in the HEA samples. The microstructures of
both HEAs were characterized by multiple probing methods. Elec-
tron backscatter diffraction (EBSD) analysis was performed using a
Zeiss-Crossbeam XB 1540 FIB scanning electron microscope (SEM),
and X ray diffraction (XRD) measurements were conducted by the
X-ray equipment ISO-DEBYEFLEX 3003 in conjunction with Co K ;
radiation [18]. A single f.c.c. phase structure with the average grain
size of ~ 200 m was obtained in both HEA samples [18]. Sheet
specimens with the size of 5 x 5 mm? were obtained through
electrical discharge machining. Electro-chemical polishing was per-
formed on the sheet-like samples from both sides to reduce the
thickness to 90 ~ 100 m. Figs. 1la; and b; present the inverse
probe figure (IPF) maps from the EBSD analysis, which reveal the
random distribution of grain orientations in the single f.c.c. struc-
ture both in HEA and iHEA samples. The f.c.c. structures of as-
quenched HEA and iHEA were also examined by XRD analysis as
shown in Figs. 1a, and b,.

All foil-like samples were mounted on an aluminum holder. A
6 MeV proton beam was obtained from the 5 MV tandem Van
de Graaff accelerator at Helsinki Accelerator Laboratory, and intro-
duced into the samples at room temperature. The beam current
density was kept 800 nA/cm? (~ 5 x 102 jons cm~2 s71), pre-
venting overheating of samples during the irradiation, and samples
were irradiated to two different fluences: 5 x 10% ions/cm? and
5 x 10% jons/cm?. The 6-MeV proton irradiation-induced damage
and ion distribution profiles in the equiatomic FeMnNiCoCr were
also predicted by the SRIM-code [36]. No hydrogen is implanted
into the samples, and uniform damage is created throughout the
thin samples (~100 m in thickness), as shown in Fig. 1c. The in-
troduction rate of vacancy defect predicted by SRIM is ~1000 cm™1
and the two fluences correspond to 1 x 107* and 1 x 1072 dpa
(displacements per atom) in the samples. The stopping profile of
positrons emitted from 22Na (Emax = 0.545 MeV) in equiatomic
HEA is also presented in Fig. 1c, showing that most of the emitted
positrons (> 95 %) stop in the 100 m thick samples, guaranteeing
effective detection and identification of defects.

2.2. Positron annihilation spectroscopy

A fast-fast digital positron annihilation lifetime spectrometer
with a time resolution of 250 ps is utilized to identify and quan-
tify the atomic scale open-volume defects in the crystalline sam-
ples [31]. A 22NaCl emitter with 1 MBq activity, wrapped in 15

m thick Al foil, is used as a positron source. The source is sand-
wiched between two identical sample pieces, and “double sand-
wich” structure with un-irradiated HEA samples (~ 0.5 mm in
thickness) as outside layer is used. The whole package is mounted
on a copper sample holder and placed in a vacuum chamber dur-
ing the temperature-controlled positron lifetime measurements.
The irradiated samples were measured at 50 — 600 K by increasing
the temperature with 25 K intervals. Each measurement lasted 5 h
with ~1 x 108 events collected for the spectrum, Thermal recov-
ery of irradiation-induced defects was observed during the mea-
surements. Above 600 K, isochronal annealing from 650 to 800 K,
with 1 h duration and 50 K intervals, was performed on the ir-
radiated samples with positron lifetime measurements performed
at RT between each annealing temperature. The corrections for
positron annihilation in the source material were determined as
210 ps (2.95 %) and 400 ps (~ 2.2 %), and 0.05 ~ 0.1 % of Ps contri-
bution (1500 ps) was also subtracted from the experimental spec-
tra.

The experimental positron lifetime spectrum is analyzed as a
sum of exponential decay components (intensities |;, lifetimes ;)
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Fig. 1. (a1) and (b;) EBSD IPF maps of the quenched HEA and iHEA samples, (a;) and (b,) XRD patterns of the HEA and iHEA samples. (c) SRIM predicted depth profiles of
6 MeV proton irradiation damage, ions distribution and positron stopping profile in the equiatomic FeMnNiCoCr HEA.

[31]. In this work, the spectra obtained in irradiated samples could
be analyzed with two components, while un-irradiated samples
and post-irradiation annealed samples (above 600 K) only showed
a single lifetime component. The shorter lifetime component ( 1) is
the reduced lattice lifetime, and the longer lifetime ( ,) character-
izes a positron trap with open volume. The average positron life-
time ( ave) is simply defined as: awe =13 1+l 2, where I; +1, =
1, and it is a statistically accurate parameter as it coincides with
the center-of-mass of the lifetime spectrum. In the case of a two-
component spectrum representing a case with only one kind of
positron trap, the positron lifetimes obtained by fitting the mea-
sured spectra are:

1

= (1)

2= v (2

where g is the positron annihilation rate in the lattice and is the
inverse of the lattice lifetime g (often called the bulk lifetime),
v Is the positron annihilation lifetime in vacancy defects, and
is the positron trapping rate that is proportional to the defect con-
centration Cp through = Cp, where is the trapping coe cient.
When two kinds of defects compete in trapping positrons, we
employ a positron trapping model with two defects states that best
describes the positron behavior in the samples. In this case the av-
erage positron lifetime is written as [35]:

BBt sttt v v
ave — = 3)
Bt sttt v
where & is the trapping rate to structural defects with the anni-

hilation lifetime ¢, and \ describes the trapping rate to vacancy
defects with the annihilation lifetime . As in the case the single-
defect model, the trapping rate to the defect is proportional to its
concentration (C;): ;= ;C;j, where ; is the trapping coe cient
of the defect. For the vacancy-type defects in f.c.c. metals, we use
the trapping coe cient y =5 x 10 s71, independent of temper-
ature [37]. We model positron trapping to structural defects with
a trapping coe cient ( <) with a temperature dependence of T™"
with the experimental value n ranged between 0.5 and 15, origi-
nating from diffusion-limited trapping [35,38].

In support to the experiments, we calculate the positron life-
times in defect-free and defected HEAs systems by considering
separately the 5 constituent elements as elemental metals in the
f.c.c. structure and modeling mono-vacancies in them. This gives

us a simple model to understand the possible spread of results
that can occur in an alloy environment and approximate the life-
times in real alloys using weighted averages (see Refs. [2,30] for
the idea applied to Doppler broadening in the HEA systems). We
use the local-spin-density approximation (LDA) [39] and the pro-
jector augmented-wave (PAW) method [40] as implemented in the
Vienna Ab-initio Simulation Package (VASP) code [41-43]. The f.c.c.
lattice and point defects are modeled using cubic 32-atom super-
cells. The electron-positron correlation energy and enhancement
factor are approximated using the LDA [44]. We use the simplified
form of the two-component density-functional theory (DFT) for
electron-positron systems, in which a localized positron does not
affect the average electronic density, and apply the zero-positron-
density limits of the functionals. This scheme has been shown to
give results agreeing with more self-consistent modeling. Vacancy
defects with trapped positrons are relaxed considering the repul-
sive force on ions due to the positron [45]. We also modeled the
positron lifetime in mono-vacancies in a selection of the random-
ized 256-atom supercells (see next section).

2.3. Modeling of interstitial formation energy and strain distributions

Spin-polarized DFT calculations are conducted using the VASP
[41,43,46,47] at the generalized gradient approximation (GGA)
level, employing the PAW method [40,42] and the revised Perdew-
Burke-Ernzerhof functional for solids (PBEsol) [48,49]. The valence
electronic states in the plane wave basis sets are expended with an
energy cutoff of 550 eV. For transition metal elements, the 3p, 3d
and 4s states are treated as valence states in the PAW potentials
while for C and N, the standard 2s and 2p valent states are con-
sidered. Non-spherical contribution of gradient of electronic den-
sity is considered. The reciprocal space integration is conducted
with a 3 x 3 x 3 -centered Monkhorst-Pack k-mesh grid [50].
The 15t-order Methfessel-Paxton method with the energy smearing
width of 0.05 eV is used to describe the partial occupancies of the
electronic states. Detailed convergence tests are shown in Supple-
mentary Figure 1. We choose 107 eV and 1073 eV as the energy
convergence criteria for optimization of the electronic and ionic
structures, respectively. The initial magnetic configurations are set
as ferromagnetic and are updated collinearly throughout calcula-
tions. The final stages are ferrimagnetic configurations, similar to
the previous reports [51,52], where Cr and Mn spins are aligned
anti-parallel to the Fe, Co and Ni atomic spin. A 256-atom super-
cell (4 x 4 x 4 conventional f.c.c. cells) is used. Each supercell con-
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Fig. 2. Average positron lifetime ( ave) in as-grown and irradiated samples as a function of measurement temperature from 50 up to 400 K. The upper panels show the two

components ; and
show the fitting results based on the two-defect state positron trapping model.

sisted 51 Co, 51 Cr, 51 Fe, 52 Mn and 51 Ni atoms, closely resem-
bling the equiatomic composition. In order to consider the effect of
local enrichment of certain elements, the chemical disorder is not
elaborately unified as the special quasi-random structure (SQS) ap-
proach [53]. By directly comparing the local bond disorder of our
structure with the SQS cells from the literature [52], we conclude
that the lattice distortion is insensitive to the chemical disorder.
The atomic configurations are visualized by OVITO [54].

2, as well as the intensity (I;) of , extracted from the temperature-dependent lifetime spectra of irradiated samples. The dashed and dotted curves

3. Results
3.1 Irradiation-induced vacancy defects

Fig. 2 shows the positron lifetime obtained in HEA and iHEA
samples irradiated to two different fluences with 6-MeV protons
( =5 x 10 cm™2 and 5 x 101 cm™2, referred to lower and
higher fluence, respectively) as a function of measurement temper-
ature in the range 50 — 400 K. The data for un-irradiated samples
are measured in the range 50 — 300 K. At RT, the un-irradiated
samples produce a single-component positron lifetime spectrum
with average positron lifetime ( ave) of 119/117 ps (HEA/iHEA no-
tation). In earlier work, the positron lifetime in the lattice (often
called the bulk lifetime for historical naming reasons) has been
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determined to be in the range g = 108 — 112 ps based on ex-
periments in the Cantor alloy and FeCoCrNi [2,55,56]. In elemen-
tal metals constituting the HEA samples, experimental results have
been reported as 110 ps (f.c.c. Ni and b.c.c. Fe) [57,58] and 120 ps
(b.c.c. Cr) [59]. We hence assume that the bulk (lattice) lifetime is

g = 110 ps, i.e, slightly shorter than the average lifetime in the
un-irradiated HEA and iHEA samples.

In the irradiated samples, a4 increases to 130/126 ps at
the lower fluence, and to 174/164 ps at the higher fluence. This
fluence-dependent increase in e is a direct indication of open
volume defects produced by the irradiation. The increase is less
pronounced in iHEA than HEA, indicating that the overall open vol-
ume of the defects introduced in the irradiation is smaller in the
interstitial-containing samples, in line with our earlier observation
of suppressed open volume irradiation damage in iHEA [30]. The
separation of the lifetime spectra into two components is shown
in Fig. 2 (panels b-d). It is clearly seen that the second (longer)
lifetime component is systematically shorter in iHEA ( , = 186
+ 7 ps) than in HEA ( , = 199 % 6 ps). The shorter component
( 1) and the intensity |, of the second component are the same
in both HEA and iHEA (for both fluences), except at the lowest
temperatures. Hence the difference in 5 between irradiated HEA
and iHEA originates purely from the value of the second lifetime
component and not its intensity. This is a direct indication of the
vacancy-type defects created in the irradiation containing slightly
smaller open volume on average in iHEA than HEA. At the same
time, the concentration of the irradiation-induced defects is the
same in both HEA and iHEA with the same irradiation fluence.

Mono-vacancy positron lifetimes in the constituent elemental
metals have been experimentally determined for f.c.c.-Ni ( , = 180
ps) [57] and b.c.c.-Fe ( y = 175 ps) [58]. In un-irradiated FeMn-
NiCoCr samples, lifetime components as originating from mono-
vacancies have been reported in the range 170 — 185 ps [55,60],
somewhat shorter than in our irradiated HEA and iHEA samples.
However, direct comparison is not straightforward as microstruc-
tural details and impurity levels are different or unknown. Also,
the effect of dislocations on the apparent mono-vacancy lifetime
(see below) needs to be taken into account to allow detailed com-
parison. To estimate the mono-vacancy lifetime that could be ex-
pected in HEA, we performed first-principles calculations on el-
emental metals in the f.c.c. structure (the calculations were val-
idated by calculating also the correct elemental metal structure
and comparing to experiments for Ni and Fe). By averaging over
the 5 elements and by performing the standard correction of shift-
ing the calculated values by the difference between the calculated
and experimentally determined lattice (bulk) lifetimes, we obtain
an average mono-vacancy lifetime of , = 200 ps in FeMnNiCoCr
HEA. This coincides with the experimental  in the irradiated HEA
samples, and we hence identify the defects introduced by irradia-
tion as mono-vacancies in the HEA samples. Earlier theoretical cal-
culations [60,61] predict mono-vacancy lifetimes that are slightly
shorter than in our modeling, in line with their different approach.
Note that mono-vacancies coupled with C interstitials have been
found to exhibit a positron lifetime 15 ps shorter than for the pure
mono-vacancy in b.c.c.-Fe [58], and we also find shorter , in ir-
radiated iHEA than in HEA. However, the reduced temperature of
thermal recovery (see next section) prevents us from interpreting
the positron lifetime in our experiments to originate from mono-
vacancy-interstitial complexes in iHEA, as such a complex is by
definition more stable than a pure mono-vacancy. We also calcu-
lated the mono-vacancy positron lifetimes in a subset of random-
ized HEA supercells to find that the scatter in lifetimes is 10 ps for
various configurations, which corresponds to the range of observed

> in the experiments on the HEA and iHEA samples.

It is clearly seen in Fig. 2 that the average positron lifetime
decreases with decreasing temperature (in a reversible manner).

Acta Materialia 000 (2021) 117093

Table 1
Positron trapping rates at mono-vacancies, mono-vacancy concentrations
and migration barriers extracted from the data in the irradiated HEA and

iHEA.
v Vacancy concentration Vacancy
( 8) appm cm™3 mi-
HEA_5E15 0.32 = 0.02 5.8 5 x 10%7 4ra— 1.9
HEA_5E16 29+01 52 5 x 10%® lién— 1.9
iHEA_5E15 0.34 = 0.02 6.2 5 x 107 b3 + 0.02
iHEA_5E16 3.1 = 0.1 56 5 x 108 64 + 0.02
ers
(eV)

Thermal expansion of the crystal lattice produces at most 0.2
— 1 ps/100 K in 4. [35,62], hence the observation is defect-
related. Here, the observed temperature dependence strongly sug-
gests diffusion-limited trapping (and hence scattering off, e.g.,
phonons) that is typical of structural defects such as grain bound-
aries and dislocations. The temperature-dependent lifetime data
can be modeled assuming a system with two positron-trapping de-
fects. Using the experimentally determined , (HEA) = 199 ps and

v (IHEA) = 186 ps, and assuming s = 112 ~ 120 ps and g = 110
ps in both materials, we can fit the temperature behavior of 4
in the irradiated samples in the range 50 to 400 K with Eg. (3).
The fitting results are shown as the dashed lines in Fig. 2, repro-
ducing the experimental data very well (only two fitted param-
eters: trapping rates of structural defects and irradiation-induced
mono-vacancies). The best fits are found by setting s = 112 ps
and n=15 for the temperature dependence (T ") of the trapping
coe cient of the structural defects in all samples. We note that
the behavior of 1 is consistent with this model. Due to this effect
of the structural defects on the lifetime decomposition (slightly de-
creasing , with decreasing temperature), only the data above 200
K are used for determining the average , in both HEA and iHEA.
Similar effects have been observed in Ref. [55].

The fitting gives structural defect trapping rates at 50 K as ¢ =
2—3 pinirradiated HEA and & = 5—7 g in irradiated iHEA,
with no dependence on the irradiation fluence. The as-grown data
cannot be reliably fitted due to the subtle variation of 4, with
temperature, but a value of ¢ not less than that in the irradiated
materials is required to reproduce the visible T-dependence. The
difference by a factor of 2 — 3 between the two materials sug-
gests that positron diffusion is somewhat enhanced in iHEA, as
the structural quality of the HEA and iHEA samples is very simi-
lar. The T~ dependence of ¢ leads to values less than 0.3 g at
elevated temperatures, negligible compared to  in higher dose
samples, but the positron trapping to these structural defects must
be taken into account when analyzing the lower dose data. For the
sake consistency, it has been taken into account in the trapping
rate fitting in the higher dose samples as well.

Table 1 gives the fitted positron trapping rates to irradiation-
induced vacancy defects for the HEA and iHEA samples, as well as
the corresponding vacancy concentrations. These allow us to esti-
mate the vacancy concentration as [V]sgis = 5 % 107 cm™3 and
[Vlseis = 5 x 10 cm™2 in as-irradiated HEA and iHEA samples.
The introduction rate for mono-vacancies can hence be estimated
as [V]/ = 100 cm™1. This value is an order of magnitude smaller
than the prediction by SRIM (1000 cm™1), indicating that partial
recovery of the irradiation damage takes place already at RT. As
the vacancy concentration increases in proportion with the irradi-
ation fluence, we conclude that this RT recovery is simple Frenkel
pair recombination without complex defect-defect interactions, as
expected at the low irradiation fluxes and fluences used in our ex-
periments.
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Fig. 3. Positron lifetime results as a function of temperature in irradiated samples. The measurements from 300 to 600 K were performed at corresponding temperatures,

and the data from 650 to 800 K were measured at RT in between the annealing steps. The average positron lifetime

ave 1S shown in panel (a). The upper panels (b)-(d)

show the two lifetime components ; and , separated from the lifetime spectra, as well as the intensity I, of the longer lifetime component .

3.2. Thermal recovery of the irradiation-induced vacancy defects

Fig. 3 shows the positron lifetime obtained in the irradiated
HEA and iHEA as a function of measurement and annealing tem-
perature from 300 to 800 K. The RT data for the un-irradiated sam-
ples is shown for reference. It is clearly seen that the thermal re-
covery process starts at around 450 K. Above this temperature, the
average positron lifetime gradually decreases, and the original state
of the samples as monitored by positron annihilation ( e in the
range 115 — 120 ps) is reached by 600 K in both HEA and iHEA
samples. This is a direct indication of thermal recovery of the ir-
radiation damage through removal of the irradiation-induced open
volume defects. Interestingly, the thermal recovery process appears
to take place at slightly lower temperatures in iHEA than in HEA,

suggesting improved mobility of point defects in iHEA. Further ex-
amination of Fig. 3a reveals that the thermal recovery process be-
gins at the same temperature (about 450 K) in both iHEA and HEA,
but the evolution is faster with increasing temperature in iHEA
than in HEA. During the recovery process (between 450 K and 600
K), the I, and , data (Figs. 3b and 3d) indicate that the recovery
process consists of the removal of the irradiation-induced vacancy
defects and that the size of these vacancy defects does not change
during the recovery process. The latter observation is based neg-
ligible evolution of , in the temperature range 300 — 550 K (in-
creasing on the average by 0.3 ps in HEA and 3 ps in iHEA based
on the statistically accurate , data) of the higher fluence sam-
ples. We note that both increases are smaller than the scatter of
the data and the individual statistical errors on the data points,
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Fig. 4. Positron trapping rate ( ) at irradiation-induced mono-vacancies as a function of annealing temperature in irradiated samples. The dashed curves show the fit of the

model describing the isochronal annealing process.

hence indicating that , is constant throughout the thermal re-
covery process. Further, the higher fluence data indicate that the
difference between HEA and iHEA originates from faster removal
of the vacancy defects in iHEA. We also note that , behaves con-
sistently with this picture. Also, it is somewhat too high to be ex-
plained by Eq. (1), as expected due the presence of the shallow
positron traps discussed in the previous section.

Fig. 4 shows the positron trapping rate at irradiation-induced
mono-vacancies ( y) extracted using Eq. (3) from the positron data
(Fig. 3) in the post-irradiation annealing temperatures 300 — 800
K. We fit an activation energy E, of the thermal recovery of the
irradiation-induced vacancy defects to the vacancy concentration
values that have been determined from positron data, similar as in
Refs. [35,63]. The isochronal annealing of the defect concentration
[V] can be described as follows [64]:

VIie1 = Ve + (V1 — V1w )exp(— t-exp(=Ea/(ksTi)))

where the subscript i denotes the annealing
[300+25 x (i—1)] K), t = 18000 s is the annealing time, kg
is Boltzmann constant, = 101 s71 is a frequency factor and
assumed to be constant, [V]e is the decreased defect concen-
tration due to annealing. In the case where a single activation
energy does not describe the behavior su ciently well, we use
Ea =Ea, + (T; — T1) as the activation energy where the parameter

allows the activation energy (E,) to evolve linearly as a function
of the annealing temperature.

A single activation energy can be fitted to the iHEA data of both
low and high fluence, giving EY (iIHEA_5E15) = 1.63+0.02 eV and
EX (iIHEA_5E16) = 1.64 +0.02 eV. A single activation energy is an
indication of a simple recovery process limited only by the migra-
tion barrier of the species annealing out, hence this value of E5
is interpreted as the migration barrier of mono-vacancies in the
iHEA samples. In the HEA samples, however, the trapping rate data
could not be reproduced with a single activation energy. Allowing
the activation energy to evolve with temperature, the HEA data can

4
step (T, =

be fitted with an activation energy that ranges from 1.6 eV to 1.9
eV in the temperature range 450 K — 550 K ( fitted as 0.0023 in
the model), implying that the mono-vacancies anneal out in sev-
eral overlapping stages in this temperature range. Interestingly, the
lowest activation energy coincides with the single mono-vacancy
migration barrier found in iHEA.

3.3. Lattice location of C and N interstitials in HEA and the local
lattice distortions

We performed state-of-the-art DFT calculations to determine
the preferred sites for C and N interstitials. An example of the em-
ployed randomized equiatomic supercells is shown in Fig. 5a. For
both the C and N cases, 100 randomly chosen octahedral sites were
calculated (see Supplementary Figure 2). The local atomic environ-
ment is determined by counting the number of elements in the
6 1t nearest-neighbor (INN) and 14 15t and 2" nearest-neighbor
(1&2NN) atoms as shown in Fig. 5b. Fig. 6 shows the histograms of
the counting distributions and the formation energy distributions
for both C and N interstitials in 5 different elemental surroundings.
A clear tendency of increasing formation energy for both C and N
interstitials with increasing number of Ni atoms in the surround-
ings, as well as a clear tendency of decreasing formation energy
with increasing number of Cr atoms, is visible in Fig. 6.

The slopes of linear fitting are shown in Table 2, where we
have also employed the Spearman rank-order coe cient [65] Rg
to quantitatively characterize the correlations (values given in bold
denote the highest fidelity). In addition to the opposite tendencies
for Cr and Ni rich surroundings, also an increase in the number
of Mn atoms surrounding the C or N interstitials decreases the
formation energy. The results for Fe and Co differ more and they
also exhibit larger statistical uncertainty for the two types of inter-
stitials, but generally there appears to be a tendency for increas-
ing formation energy with Co rich surroundings and decrease with
Fe rich surroundings. In short, the linear correlation analysis indi-
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Fig. 5. Exemplary 256-atoms equiatomic supercell and octahedral interstitial sites. Six 15t nearest neighbors (1NNs) and eight 2" nearest neighbors (2NNs) surrounding the

interstitial atoms were used to determine the local atomic environment.

Table 2

Statistical summary of the DFT calculations. Spearman correlation coe cients Rs, P-value, the slope of the linear fitting and the residues of the linear fitting (the measure
of the scatter). The bold numbers indicate strong correlation. The P-value is defined as the probability of an uncorrelated system producing datasets that have a Spearman

correlation which is equal or larger than the one computed from the actual datasets.

Elemen€ interstitials 1NN

Spearman Rg P-value Slope of linear fitting Residues of linear fitting
Co 0.054 0.596 0.023 7.535
Cr -0.231 0.021 -0.086 6.807
Fe -0.213 0.034 -0.049 7.398
Mn -0.150 0.138 -0.034 7.500
Ni 0.513 0.000 0.139 5738

N interstitials 1NN
Co 0.376 0.000 0.124 13.193
Cr -0.523 0.000 -0.214 9.144
Fe 0.057 0571 0.044 14.992
Mn  -0.383 0.000 -0.125 13.536
Ni 0.524 0.000 0.258 9.801

C interstitials 1&2NN

Spearman Rg P-value Slope of linear fitting Residues of linear fitting
0.036 0.720 0.005 7.587
-0.179 0.075 -0.043 7.143
-0.066 0513 -0.008 7.579
-0.094 0.354 -0.012 7.559
0.369 0.000 0.071 6.607
N interstitials 1&2NN

0.229 0.022 0.066 14.390
-0.315 0.001 -0.117 12.214
0.004 0.970 0.0014 15.186
-0.249 0.013 -0.055 14.748
0.436 0.000 0.134 12.335

cates preferential localization of C/N interstitials in regions rich in
Mn and Cr, while clearly avoiding Ni-rich regions. Our calculations
are in line with recent experimental evidence that suggests Cr to
have the highest a nity towards N interstitials [66] in equiatomic
FeMnNiCoCr.

Fig. 7 shows the effects of N interstitials on the local bond
distortion distribution in Cr-rich environment, where they are ex-
pected to be the most significant due to the preferential localiza-
tion. The data clearly show that bond distortions behave as ex-
pected and similar to that in dilute alloys: the bond distortion dis-
tribution becomes wider for all elements. The effect is strongest
for Cr as it is over-represented in the 1% nearest neighbors —
detailed analysis shows the most significant effects on the lo-
cal bond distortions are found in the 15t and 2" nearest neigh-
bors, as expected. We note that our calculations without the in-
terstitials reproduce the local bond distortion distribution shown
in Ref. [52]. Cr and Mn exhibit the widest distributions of lo-
cal bond distortions. The overall rank order of the distortions is
Cr>Mn>Fe>Co>Ni.

4. Discussion

Our direct monitoring of the thermal recovery of irradiation-
induced mono-vacancies in the HEA and iHEA samples leads to the
conclusion that the mono-vacancy migration barriers are generally
in the range 16 — 1.9 eV in equiatomic FeMnNiCoCr. That the mi-
gration barriers exhibit a distribution instead a single value is nat-
ural due to local fluctuations of elements surrounding the irradia-
tion induced vacancies in a random alloy. The energetics of mono-

vacancy migration can also be extracted from elemental diffusion
experiments that have been performed in similar HEAs by em-
ploying isotope-controlled bulk tracers [67] and diffusion couples
[68,69]. The elemental diffusion activation energies determined in
these experiments vary from element to element in the range 2.8
— 3.2 eV [67],3.0 - 33 eV [68] and 3.2 — 3.5 eV [69]. The mono-
vacancy formation enthalpy has been determined experimentally
with positron annihilation as 1.7 + 0.2 eV in equiatomic FeMn-
NiCoCr [56], but there is no elemental information that could be
extracted as in experiments the identity of the missing atom from
the vacant lattice site is not known. Assuming the elemental diffu-
sion to proceed via the vacancy mechanism, the above-listed ex-
perimental diffusion activation energy ranges correspond to va-
cancy migration barrier ranges of 11 — 15 eV, 1.3 — 16 eV, and
15 — 1.8 eV (with an overall additional uncertainty of at least +
0.2 eV), respectively. Our values are in excellent agreement with
those obtained from Ref. [69], and somewhat higher than in Refs.
[67,68]. Both in our experiments and in the diffusion experiments
the distribution of the obtained values is the same with a 0.3 — 0.4
eV range.

Mono-vacancy migration barriers have also been studied em-
ploying theoretical calculations. The predicted values in equiatomic
FeMnNiCoCr for different elemental vacancies exhibit a range of
0.3 — 0.5 eV irrespective of the employed method [68,70-73], but
the modeling predicts systematically lower values (by 0.5 — 10
eV) [70,71] than those found in most of the experiments, includ-
ing ours. The well-known delocalization error from approximated
functionals [74] is a likely source of systematic differences be-
tween theory and experiment, but the comparison is challenging
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Fig. 6. Interstitial formation energy of (a) Ic and (b) Iy vs. the number of certain neighboring elements in the surroundings. As a quantitatively characterization, the Spearman
rank-order coe cients, Rs is used to describe the correlation tendency and the slope of the linear fitting is used to extract the dependency of the formation energy on the

number of certain elements in the surroundings, as shown in Table 2.

also due to nature of the random alloy itself. First, we note that di-
rect comparison between our experiments and the published the-
oretical work is not straightforward. In modeling, the vacancies
are typically defined by the atom that has been removed from its
lattice site, while in our experiments it is not possible to iden-
tify which atoms is missing from the vacant lattice site. Interest-
ingly, the mono-vacancy migration barrier in pure Ni has been
determined experimentally as 11 — 1.3 eV [57,75,76], and theory
predicts values that are in excellent agreement with experiments
[77]. The theoretically calculated mono-vacancy migration barriers
are shown to slightly increase when Ni is alloyed with Fe or Co
(equiatomic binary alloys) [77], but in the multi-component alloys
the predicted mono-vacancy migration barriers are lower than in
elemental Ni [68,70-73]. The scale of diffusion phenomena and
the full energy landscape are discussed in Ref. [73] as possible
sources of differences between the observations in experiments
and the modeling efforts. In our experiments, the mono-vacancies
need to migrate a distance of the order of 100 m, and in the
elemental diffusion experiments the distances are several tens of

m (slightly longer in diffusion couple than in tracer diffusion
experiments). In atomistic modeling, the distances of atomic mo-
tion that can be analyzed are several orders of magnitude shorter.
Hence it appears that the extracted migration barriers are corre-
lated with the distance traveled by the diffusing species, strongly
suggesting that the detailed energy landscape of the random al-

loys has an important role in determining the migration processes.
The longer the distance that the diffusing vacancy (or atom) needs
to migrate, the more probable it is that it finds (randomly occur-
ring) regions of higher migration barriers dictated by the imme-
diate atomic surroundings. This is likely to increase the average
migration barrier(s) found in experiments, and contribute to the
interpretations concerning sluggish diffusion in HEAs in general.

The fact that the mono-vacancy migration barrier range is re-
duced to a single migration barrier — and to that at the low end
of the range — upon the introduction of N and C interstitials in
IHEA is unusual and intriguing. C/N interstitials are known to ef-
fectively bind to vacancies and significantly increase the migration
barriers as, e.g., in b.c.c. Fe, austenitic steel and f.c.c. Ni [25,58,78].
Also in our earlier work [30] the results show that at higher irradi-
ation damage doses (of the order of 1 dpa) and dose rates, it is ev-
ident that C interstitials bind to vacancy defects and suppress their
mobility. However, when strictly isolated point-like defects are in-
troduced as in our present experiments, the presence of C/N in-
terstitials induces opposite effects. To further discuss this unusual
phenomenon, we first summarize the key observations from our
experiments and modeling:

1 The irradiation introduces mono-vacancies at the same rate in
HEA and iHEA samples.
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Fig. 7. Local bond distortions with and without N interstitials, analyzed from 10 cases with Cr-rich environment (3 or 4 Cr atoms among the 6 1%t nearest neighbors). The

data show the normalized probability density with the bin-width of 0.1 %.

2 The irradiation-induced mono-vacancies anneal out in thermal
treatments on average at lower temperatures in iHEA than in
HEA.

3 The mono-vacancy related lifetime stays constant throughout
the thermal recovery process in HEA and iHEA.

4 The irradiation-induced mono-vacancies are on average slightly
smaller (their positron lifetime is slightly shorter) in iHEA than
in HEA.

5 The distribution of activation energies (migration barriers) re-
lated to the thermal recovery process is narrower in iHEA, and
the distribution narrows towards the lower end of the energy
range.

6 Theoretical calculations show that without interstitials, the lo-
cal lattice distortion distribution is the widest for Cr and Mn.
The distributions are symmetrical. Interstitials widen the distri-
butions.

7 Theoretical calculations show that interstitial C and N both pre-
fer Cr and Mn rich regions of the HEA lattice. These are the
regions that exhibit the highest distortions (both shorter and
longer bonds).

We propose the following mechanism, based on the fundamen-
tal chemical disorder in the HEA lattice, to explain our unusual
experimental observations. Observations (1), (2) and (3) together
imply that, unlike in Fe or Ni [23,25,58,78], the mono-vacancies
are not bound to the interstitials in iHEA at any stage of irra-
diation and thermal treatments, and that we can assume that
the irradiation-induced mono-vacancies are randomly (evenly) dis-
tributed in the whole lattice in both HEA and iHEA. Due to the
lattice distortions, the mono-vacancies in HEA exhibit a distribu-
tion of sizes. However, the mono-vacancy size distribution is not
symmetric unlike the elemental local bond distortion distributions,
as it is bound from below — this distribution has a tail extending to
larger sizes. We argue that the preferential localization of the C/N
interstitials in the Cr/Mn rich regions of the HEA matrix, that host
the largest bond distortions and by consequence the largest and
smallest mono-vacancies, effectively narrows the mono-vacancy

10

size distribution. As the C/N interstitials push away the atoms in
the 1t and 2" neighboring cells and the mono-vacancies are on
the average 2 — 3 bond lengths from the interstitials (based on
the statistics of 1% interstitial concentration), the mono-vacancies
end up being smaller on average. At the same time, the large-size
tail of the mono-vacancy size distribution is removed as the inter-
stitials occupy the space where the largest mono-vacancies would
have been introduced in the irradiation. Note that our data does
not exclude the possibility of a small fraction (statistics suggests
less than a percent) of the irradiation-induced mono-vacancies to
be bound to the C/N interstitials — their concentration would be
low enough to not be distinguished from the open volume defects
existing in the samples prior to irradiation. The interstitial-induced
narrowing and reduction of the mono-vacancy size distribution
leading to the narrowing and reduction of the migration barrier
distribution implies that mono-vacancy migration is strongly size-
dependent in HEA.

The fact that the nature of the atomic-scale chemical disorder
and its effects on the local lattice distortions are a decisive factor
determining the elemental motion in HEAs might not be surpris-
ing, but needs to be taken into account when developing micro-
scopic theories of solute strengthening. The effective and unusual
homogenization of the mono-vacancies and their motion in iHEA
is opposite to the phenomena found in traditional dilute alloys. We
note that our results and the proposed mechanism do not provide
a clear distinction between the effects of the C or N interstitials.
Both are present at 0.6 — 0.8 at. % in our iHEA samples, and theo-
retical calculations predict their general behavior to be very similar
from the point of view of lattice site energetics in varying atomic
surroundings. Our earlier results on the irradiation response of C
interstitial containing FeMnNiCoCr [30] suggest that C interstitials
alone can lead to the reduction of the total open volume contained
in the defects introduced by the irradiation, but the magnitude of
that effect cannot be reliably compared to the present results due
to the different scale of the experiments. As the concentrations of
both C and N interstitials are rather low in our iHEA samples, it is
unlikely that they would significantly interact with each other in
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irradiation damage and thermal recovery processes. Incorporating
a detailed understanding of the effective strain landscape variation
mechanism by these and other foreign interstitials (e.g., O) should
profoundly benefit the development of HEA engineering strategies.

5. Summary

In this work, we report unusual homogenization of vacancy dif-
fusion properties in the equiatomic FeMnNiCoCr high entropy al-
loy doped with C and N interstitials (iIHEA). We present direct ex-
perimental evidence of an unexpected interstitial-induced reduc-
tion and narrowing of migration barriers of mono-vacancy defects
introduced by particle irradiation in the iHEA. The phenomenon
is attributed to the preferential localization of C/N interstitials in
naturally occurring atomic scale Mn and Cr rich regions of the
random alloy predicted by state-of-the-art theoretical calculations.
The conclusions obtained by e cient combination of independent
experiments and modelling open a pathway for understanding the
effect of foreign interstitials on solute strengthening and mechani-
cal properties under irradiation in high entropy alloys.
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